Abstract Using alloy 230 as an example, a generalized oxidation lifetime model for chromia-forming Ni-base wrought alloys is proposed, which captures the most important damaging oxidation effects relevant for component design: wall thickness loss, scale spallation, and the occurrence of breakaway oxidation. For deriving input parameters and for verification of the model approach, alloy 230 specimens with different thicknesses were exposed for different times at temperatures in the range 950-1050°C in static air. The studies focused on thin specimens (0.2-0.5 mm) to obtain data for critical subscale depletion processes resulting in breakaway oxidation within reasonably achievable test times up to 3000 h. The oxidation kinetics and oxidation-induced subscale microstructural changes were determined by combining gravimetric data with results from scanning electron microscopy with energy dispersive X-ray spectroscopy. The modeling of the scale spallation and re-formation was based on the NASA cyclic oxidation spallation program, while a new model was developed to describe accelerated oxidation occurring after longer exposure times in the thinnest specimens. The calculated oxidation data were combined with the reservoir model equation, by means of which the relation between the consumption and the remaining concentration of Cr in the alloy was established as a function of temperature and specimen thickness. Based on this approach, a generalized lifetime diagram is proposed, in which wall thickness loss is plotted as a function of time, initial specimen thickness, and temperature. The time to reach a critical Cr level at the scale/alloy interface of 10 wt% is also indicated in the diagrams.
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Introduction
Nickel-base wrought alloys combine properties that make them ideally suited for a wide variety of elevated temperature applications in aerospace, power generation, and chemical industries [1] [2] [3] . The high-temperature creep resistance of this class of alloys mainly relies on solid solution strengthening by alloying additions such as Cr, Mo, Co, and W [4, 5] as well as carbides (e.g., M 23 C 6 or M 6 C), which form with C additions of *0.05-0.1 wt% [6, 7] . Depending on alloy composition, intermetallic phases also may contribute to the creep strength. Most wrought Ni-base alloys with typical Cr contents of 20-25 wt% form slow growing, protective chromia base surface scales during high-temperature exposures due to selective Cr oxidation (see, e.g., [8] ). These alloys are therefore commonly termed chromia formers, although other elements (e.g., Mn, Ti, Si, Al, and Nb) may also become incorporated into the scale, which may result in multiphase surface scales. Investigation and quantification of oxidation resistance is commonly done by combining gravimetric results with data from characterization tools such as light and electron microscopy as well as surface analysis methods [8] . Weight changes are a measure of oxide growth kinetics during steady-state scale growth, as well as an indicator of scale spallation which typically occurs as a result of thermal cycling [9] [10] [11] [12] . The disadvantage of using the measured weight change data for characterization of oxidation behavior is that these data do not provide information that is directly applicable to the design of high-temperature components. For component design, more relevant oxidation-induced damage processes are listed as follows:
-Loss in wall thickness resulting in loss of load-carrying cross section [13, 14] . -Spallation of the scales especially occurring as a result of thermal stresses in combination with void formation/cracking in the scale during temperature cycling [10] . Spalled oxides may block narrow gas passages which may inhibit heat transfer and thus cause local overheating. -Subsurface loss of Cr as a result of consumption by scale growth and accelerated consumption due to re-healing after spallation. This process may eventually result in a decrease of the Cr concentration at the alloy/oxide interface to such a low level that the growth of the protective chromia scale can no longer be sustained. This leads to the formation of other less protective oxide phases, which are frequently termed breakaway oxidation [15] and is often correlated with the end of component life.
Far before the occurrence of breakaway oxidation, the oxidation-induced Cr depletion also may alter alloy properties (e.g., creep strength and ductility) due to a change in the alloy microstructure or phase composition [16] [17] [18] , e.g., by changing the amount and distribution of precipitates in the component [13] . It is obvious that depletion-induced microstructural changes will be more significant in thin-walled components. To accurately model component lifetime, these oxidation-related damage processes must all be considered. In the literature, numerous papers present modeling approaches providing (semi-)quantitative descriptions of scale growth kinetics [4] , kinetics of internal and external oxidation [19] , scale spallation and healing [20] [21] [22] [23] as well as predicting breakaway oxidation [24] [25] [26] [27] . Recently, important effects have been found in establishing standard test procedures for hightemperature corrosion behavior of metallic materials [28] . An example of applying these procedures for analyzing materials behavior in simulated combustion environments was described in [29] . However, no generally applicable quantitative model or standardized method has been established where the above-mentioned damage mechanisms are all included. Thus, alloy data sheets from manufacturers contain mostly qualitative descriptions of the relative oxidation behavior of a given alloy, e.g., providing a maximum operating temperature or presenting relative differences in oxidation behavior among a group of similar alloys. However, this information does not provide components designers with the quantitative data needed, for example, to specify a heat exchanger wall thickness for 25,000-h service at 900°C.
In the present investigation, an attempt was made to develop such a generalized method for predictively quantifying oxidation-induced damage of Ni-base wrought alloys. The final aim of this work is to develop a standard model for quantitatively describing oxidation performance as a function of time, temperature, component thickness, and service environment that can be incorporated into alloy data sheets and easily understood and employed by component designers. This representation would finally describe oxidation properties in a standard quantitative manner that has already been established for other physical and mechanical properties. The material used to develop this approach is the NiCrW alloy 230, an alloy commonly used for a variety of high-temperature components [30] , including thin-walled heat exchangers and honeycomb structures. Input oxidation data for development and verification of the model, including oxide growth and spallation kinetics, as well as Cr depletion, was studied in laboratory air at 950-1050°C, using 0.2-to 0.5-mmthick specimens to study breakaway oxidation in reasonably achievable exposure times of B3000 h. The model development draws on characterization and modeling of oxidation-induced microstructural changes of alloy 230 for the same conditions that were reported elsewhere [31] . This initial work deals with near-static gas conditions to avoid additional issues associated with volatile Cr species, especially with wet gases and higher gas velocities. These aspects will be included in future publications that further enhance the model.
Experimental
Solid solution annealed sheet material of alloy 230 was supplied by Haynes International, Inc. The nominal [32] and analyzed chemical compositions of the alloy are listed in Table 1 . The analyses were performed using inductively coupled plasma-optical emission spectroscopy (ICP-OES) after completely dissolving the Table 1 Chemical composition of alloy 230 (in wt%) determined by ICP-OES and combustion-infrared analysis compared with nominal composition [31, 32] C r sample in aqua regia. The concentrations of C, N, O, and S were obtained from combustion-infrared analysis. Microstructural details of the studied alloy batch in the as-received condition were described elsewhere [31] . The sheet material was laser-cut into 10 9 20 mm 2 specimens. The specimens were then ground to thicknesses of 0.2, 0.3, and 0.5 mm with a final surface finish of P1200. Before oxidation tests, the specimens were degreased with ethanol. The specimens were subjected to discontinuous air oxidation tests for exposures up to 3000 h at temperatures of 950, 1000, and 1050°C. The tests at 1000 and 1050°C were carried out at Forschungszentrum Jülich and the specimens were air cooled and weighed every 48 h. At temperature, the specimens were hung on thin alumina rods in alumina crucibles, which allowed the measurement of the weight changes of the specimen (in the following designated as net weight change) as well as the weight change of the specimen including the spalled scale (gross weight change). An additional set of specimens was oxidized at 1050°C for 300 h to obtain more detailed information about the depletion kinetics. In addition, 0.2-and 0.5-mm specimens were isothermally oxidized (TG tests) for up to 100 h using a SETARAM thermobalance to analyze the oxidation kinetics in the early stages of oxidation. The long-term 950°C tests were carried out at Oak Ridge National Laboratory in dry, filtered air and each cycle was 10 h with 10-min cooling between cycles and only the net weight was measured.
Before mounting the oxidized specimens for metallographic cross-section analyses, the specimens were sputtered with a thin gold layer and subsequently electroplated with nickel. The Ni-plated specimens were mounted in resin and the cross sections of the specimens were ground and polished using diamond paste with diameters down to 1 lm; a colloidal SiO 2 suspension with particle size of 0.05-0.07 lm and pH of -9.8 was used for the final polishing.
The oxide scale and alloy microstructure were characterized by scanning electron microscopy (SEM: Zeiss Supra 50VP or Zeiss Merlin) and energy dispersive X-ray analysis (EDX, Oxford Instruments) with an accelerating voltage of 15 kV.
Background and Used Approach Scale Growth and Subscale Depletion
For the long-term oxidation behavior of high-temperature alloys, which rely on the formation of a slowly growing chromia (or alumina) scale for oxidation protection [4] , the oxidation processes, eventually leading to serious damage of the component, may be divided into three stages [4] : (I) steady-state scale growth, (II) scale spalling and healing, and (III) critical subscale depletion and breakaway oxidation.
Thereby, depending on alloy type and component thickness, Stage III may occur before Stage II becomes active.
Stage I
After an initial period of transient oxidation [4] , steady-state growth of the protective chromia scale occurs, in which diffusion of cations and/or anions in the scale is the rate determining step of the scale growth process. Based on classical oxidation theory [33, 34] , the scale growth exhibits a parabolic dependence of scale thickness as a function of time:
where X is the scale thickness, t the time, and k p the parabolic rate constant. Commonly, parabolic oxidation kinetics are expressed in terms of area-specific weight gain ðmÞ; as a result of oxygen uptake:
where k w is the parabolic rate constant. In many cases, the oxidation kinetics do not obey an ideal parabolic behavior. This may be related to a significant contribution of grain boundary diffusion in combination with changing oxide grain size in the overall oxidation process [35] [36] [37] . Also, void formation or time-dependent incorporation of minor alloying additions with high oxygen affinity (e.g., Mn, Si, Al, Ti, and Nb) into the scale may result in deviations from ideal behavior for the primary protective oxide species [37] [38] [39] . In case of sub-parabolic oxidation, the kinetics may be described by [24, 40] 
where k is the power law rate constant and n the oxidation exponent whereby n\0:5.
The consumption of Cr results in subscale depletion and thus formation of concentration gradients in the alloy beneath the scale. If ideal parabolic kinetics prevail, the concentration of Cr at the scale/alloy interface (C i ) is virtually time independent, provided that the specimen is sufficiently thick [4, 33, 41] :
Here, C 0 is the initial solute concentration in wt%, C i the interface solute concentration, M the atomic weight of the solute, M alloy the average atomic weight of the alloy, ; the Pilling-Bedworth ratio, and D the interdiffusivity of the solute in the alloy in cm 2 s -1 . If sub-parabolic kinetics prevail (i.e., n in Eq. (3) is smaller than 0.5), the value of C i increases with increasing oxidation time [16] . If the value of n in Eq. (3) is larger than 0.5, C i decreases with increasing oxidation time [16] . In the following sections, this type of faster scale growth kinetics is designated as ''super-parabolic'' oxidation.
Stage II
Thermally induced stresses during cooling due to the mismatch in thermal expansion coefficients between alloy and oxide and even oxide growth stresses may lead to local or widespread scale spallation [12, 23] . This occurs after the scale thickens and scale defects with a critical size form, e.g., as a result of vacancy condensation [42] . During subsequent heating, healing of the protective scale will occur, provided that the interface Cr concentration C i is sufficiently high for external oxidation to be favored over internal oxidation [33] . Various models to describe the repeated process of scale spallation and healing have been proposed. A frequently used approach is the COSP model [20] , which allows the calculation of typical weight change curves exhibiting initial weight gains due to the growth of the scale, steadily going into a net weight loss as a result of the scale spalling/healing process. Other approaches such as the DICOSM model [21] and the p-k p model [22, 43, 44] are interfacial discrete-spalling models, but they are analyzed from a different mathematical point of view. With the DICOSM model, the surface area is separated into a number of independent spalling segments, whereas in the p-k p model, the oxide spalling behavior is quantified by a probability p, which means that one spallation is expected every 1/p cycle. The COSP model was used for this study.
Stage III
After long-term exposures, the oxidation processes may result in chromium concentrations at the scale/alloy interfaces which are substantially lower than that given by Eq. (4). If a critical depletion level is reached, the protective chromia scale can no longer heal and non-protective oxides form resulting in breakaway oxidation. Such critical depletion processes may occur in two ways:
Stage IIIa In thin specimens (typically of a few tenths of a mm thickness), the subscale solute depletion profiles may reach the center of the specimen after relatively short times (i.e., prior to oxide spalling). Even if ideal parabolic kinetics prevails, the Cr interface concentration then becomes lower than that given by Eq. (4) because the Cr reservoir is exhausted.
Stage IIIb In thick specimens (typically in the mm range), eventual scale spalling at longer times will result in enhanced Cr loss and thus the Cr consumption rate is faster than that given by Eq. (2). Consequently, the value of C i will eventually become substantially smaller than the original value assumed in Eq. (4).
The case that for a given oxidation time the subscale solute depletion profiles reach the center of the specimen (Stage IIIa) will more rapidly occur in BCC (e.g., ferritic steels) than in FCC materials (e.g., NiCr base alloys and austenitic steels), because the solute diffusivities are generally slower in the latter than in BCC type alloys. If the diffusion profile rapidly reaches the center of the specimen, the subscale depletion profiles become relatively flat. This has frequently been observed during the growth of alumina scales on FeCrAl alloys [24, 27] or chromia scales on high-Cr ferritic steels [45] , even for specimen thicknesses in the mm range. Upon ongoing scale formation, the solute concentration over the whole specimen thickness will decrease with increasing time. The interface concentration of the solute may finally reach concentrations which are so low such that external formation of chromia (or alumina) is no longer possible. For alumina-forming ferritic steels at temperatures in the range 1000-1200°C [24, 27] and chromiaforming ferritic steels at 800-900°C [45] , it has been shown that the time t B for the occurrence of breakaway oxidation can with reasonable accuracy be described by correlating the amount of Cr (or Al) consumed by the growth of the scale with the Cr (or Al) reservoir in the alloy. This leads to the following expression for t B [24] :
Here, C B is the critical solute concentration at which breakaway oxidation starts, q the density of the alloy, d the wall thickness, k the oxidation rate constant, and n as defined by Eq. (3). The parameter u equals 4.4 9 10 -3 [24] for alumina formers, whereas for chromia formers the value of this constant is 2.3 9 10 -3 [45] . For cases where scale spalling and healing contributed to the overall oxidation process (oxidation stage II), the assumption of a simple scale spallation model allows the following expression for t B to be derived:
where m Ã is the specific weight gain at the time when scale spallation starts to occur. This approach allowed the construction of lifetime diagrams for alumina-forming FeCrAl alloys [24] and high-Cr ferritic steels [45] showing times to breakaway as a function of component thickness and temperature.
However, the nearly flat solute depletion profiles in BCC alloys are generally not observed in FCC materials, especially for chromia formers, due to the lower diffusivity of Cr in combination with the relatively high oxide growth rate [4, 16, 46] . During steady-state parabolic scale growth, the Cr concentration at the scale/alloy interface is described by Eq. (4). An extensive mathematical treatment to describe the subscale depletion as a function of time and oxidation rate for the case that the depletion profiles reach the center of the specimen was provided by Whittle et al. [25] and Bastow et al. [47] .
Chyrkin et al. [26, 48] showed that the Whittle/Bastow approach could be numerically approximated, revealing an expression to calculate t B :
Here, l is the metal/oxygen weight ratio in the scale forming oxide, k w from Eq. (2), r is a constant equal to 2.5 9 10 -5 , and D is the diffusion coefficient of the solute Cr in the alloy in cm 2 s -1 .
The expression is valid for steady-state parabolic oxidation, and enhanced Cr consumption by scale spallation cannot be described by the model assumed to derive Eq. (7) [26] . More sophisticated models for describing scale spallation [21, 22, 43, 44] in combination with finite difference modeling of the depletion processes [49, 50] have been used to describe the oxidation-induced subscale depletion processes.
Current Approach
In the following, an attempt will be made to develop a generalized, pragmatic approach, which aims to cover the three main oxidation-related damage processes mentioned in the introduction. Previous approaches for alumina-forming FeCrAl base ferritic steels [24, 27] and chromia-forming ferritic steels [45] plotted only times to breakaway as a function of component thickness and temperature. For these types of materials, this approach is useful because the oxidation-induced wall thickness loss is in many practical applications extremely small due to the very low scale growth rates. Thus, a critical Cr depletion resulting in breakaway oxidation mostly occurs before wall thickness loss and/or scale spalling become practically significant. Also, t B is easy to determine experimentally because this event is accompanied by a sudden increase in the scale growth rate due the formation of Febase oxides.
Due to a tendency for early spalling of chromia base scales, the situation is different for NiCr-type wrought alloys. For thicker specimens (e.g., in the mm range), wall thickness loss and/or scale spalling may become life-limiting factors for a component in service far before breakaway type oxidation occurs. Additionally, the definition of time to breakaway for NiCr alloys is far less obvious because a critical Cr depletion leads to a change from chromia growth to growth of Crcontaining, Ni-rich spinel-type oxides. This causes an increase of the growth rate: however, the change tends to occur gradually, i.e., not abrupt as for FeCrAl [24] and, to a lesser extent, FeCr alloys [45] .
Therefore, a different way of graphically presenting the design relevant oxidation damage will be attempted, i.e., presenting wall thickness loss (and scale spallation) as a function of time and temperature, thereby plotting times for occurrence of critical Cr depletion as a function of specimen thickness.
Results and Discussion

Oxidation Kinetics
The area-specific weight changes of the specimens during discontinuous oxidation are shown as a function of time in Fig. 1 . Some of these results were already presented [31] , but are shown here again to assist the reader.
As typical examples for the scale formation, Fig. 2 shows SEM backscattered electron (BSE) images of polished cross sections of alloy 230 specimens with different thicknesses after oxidation for 1000 and 3000 h at 1000°C. A continuous Oxid Met (2017) 87: 11-38 19 external Cr 2 O 3 scale formed on top of the alloy and minor internal Al 2 O 3 formed along the alloy grain boundaries. In some cases, minor amounts of MnCr 2 O 4 spinel phase were found on top of the chromia. In agreement with the gravimetric data in Fig. 1b , the 0.2-mm specimen has the thickest Cr 2 O 3 layer, whereas the Cr 2 O 3 layers on the top of the 0.3-mm specimen and especially the 0.5-mm specimen after 3000 h exhibit local scale spallation. During the earlier stages of oxidation at these temperatures, the specific weight change did not exhibit a clear specimen thickness dependence (Fig. 1) . At 1000°C, similar behavior was observed for all three specimen thicknesses up to *600 h. At 1050°C, this period was much shorter (*200 h), whereas at 950°C it took approximately 2000 h before clear differences in weight change between thick and thin specimens became apparent. In the case of the 0.2-mm-thick specimens, the slope of the curves increased after this initial steady-state oxidation period, continuously following ''super-parabolic'' oxidation kinetics at all investigated temperatures. The time at which this effect started to occur increased with decreasing temperature. It has been proposed that this enhanced oxide growth rate may be related to depletion of the reactive element La in the alloy [31, 51, 52] , to relaxation of growth stresses [51, 53, 54] , or, more likely, to formation of microtensile cracks in the oxide after specimen heating, which allow ingress of oxygen through the cracks resulting in faster oxide formation [9, 12] . The decrease of the net weight changes of the 0.3-and 0.5-mm-thick specimens after steady-state growth as the result of scale spallation is in agreement with Fig. 2 and will be discussed later. The amount of spalled oxide of the 0.5-mm specimen was larger than that of the 0.3-mm specimen. For the 0.2-mm specimens at 1000-1050°C, the scale did not spall significantly. In other words, the thinnest specimens exhibited better scale adhesion than the thicker ones. This is in agreement with the findings of other authors [12, 55] . It is generally assumed that this difference in adherence is related to different modes of stress relaxation. The thermal stresses produced by thermal cycling in the scale and bulk alloy of the thicker specimens are relaxed by scale cracking eventually resulting in scale spallation [9] [10] [11] [12] . For the 0.2-mm specimens, the stress was likely relaxed by substrate creep in the high temperature range during cooling of the sample, resulting in better scale adherence [12] . It should be mentioned that results (not shown here) obtained for a 1-mm specimen exposed at 1050°C were very similar to those of the 0.5-mm specimen. Figure 3a is a schematic of the generation of different stress states in the scale depending on specimen thickness. In Fig. 3b , the horizontal axis is temperature and the vertical axis represents the stress in the oxide, where r T indicates a tensile stress and r C a compressive stress. Because the thermal expansion coefficient of the alloy is larger than that of the oxide, the alloy substrate undergoes more volume contraction than the scale during cooling, resulting in the generation of a tensile Fig. 3 a Schematic illustration of stress formation in the scale during thermal cycling of specimens. In b three different thicknesses (based on Ref. [9] ) are shown with the solid lines indicating behavior during cooling and dotted lines showing behavior during re-heating to the oxidation temperature Oxid Met (2017) 87: 11-38 21 stress in the alloy and a compressive stress in the scale [12, 23, 56] . At the beginning of the cooling process, i.e., at a relatively high temperature, the thinner specimen tends to creep due to the tensile stress generated in the substrate [56] . This effect will be far less pronounced in the thicker specimen, because of the smaller tensile stress in the substrate [9, 12] . The creep of the thin substrate causes partial relaxation of the compressive stress in the scale. The rate of plastic deformation slows down with decreasing temperature and finally ceases; then both the alloy and the oxide follow elastic behavior. Experiments carried out at ORNL in 1-h cyclic tests with exposures up to 100 h at temperatures from 1000 to 1100°C, and measuring length change using a 2D macroscope clearly confirmed the creep (i.e., elongation) of the alloy 230 specimens. Details of these results, which showed increasing length change with increasing temperature, will be presented in a separate publication. Upon subsequent rapid heating to the oxidation temperature, thinner specimens, for which the residual compressive stress in the oxide is smaller than for thicker specimens, will finally generate tensile stresses in the oxide upon approaching the target temperature (see the dashed lines`and´in Fig. 3b ). The tensile stress reached in the oxide at the target temperature increases with decreasing specimen thickness [9, 10] . Therefore, the scales on thinner specimens have a larger tendency to exhibit microtensile-cracking than those on thicker specimens [9] . The tensile stress in the metal in case of the thick specimen is not large enough to cause substantial creep during cooling. However, after cooling, the room temperature strain energy in the scale is sufficient that the oxide is prone to spallation when the scale reaches sufficient thickness in combination with physical defects [23] .
For the thinnest specimens where the substrate creeps during cooling, the resulting tensile cracking during heating will only become significant after the oxide scale has reached a certain thickness [9, 57, 58] , i.e., after the tensile stress in the substrate exceeds a certain critical value. Also, the microstructural defects in scales on thick specimens will become pronounced after a certain oxidation time, i.e., after the scale has reached a certain thickness [23, 56, 59] . This explains why the specimens of different thickness do not initially show any differences in oxidation kinetics and spallation behavior at the three test temperatures (Fig. 1) . Figure 4 shows examples of the subscale concentration profiles of Ni, Cr, W, and Mo in the bulk alloy, here for 0.5-mm specimens after 3000-h exposure at 950 and 1000°C. The concentration of Ni slightly increased near the surface where the Cr was depleted. The W concentration also noticeably increased near the surface because depletion of Cr results in a decrease of the W activity in the Cr-depleted subsurface region, thus providing a driving force for W diffusion towards the surface [31] .
Subscale Depletion Processes
The subscale depletion of Cr also resulted in microstructural changes in the alloy. A typical example of these changes is shown in Fig. 5 . A subscale zone free of carbides, including M 6 C, is formed (Fig. 5a) ; back diffusion of carbon and nitrogen uptake after longer times resulted in an enrichment of Cr-rich carbide (M 23 C 6 ) and nitride (p-phase) in the specimen center. Details of these oxidation-induced microstructural changes as a function of wall thickness, time, and temperature were extensively described elsewhere [31] .
The subscale Cr concentration profiles of specimens with different thicknesses after 1000-h and 3000-h oxidation are shown in Fig. 6 [31] . The Cr profiles after 1000 h do not show a specimen thickness dependence. Especially at 950 and 1000°C, the depletion profiles did not yet reach the centers of the 0.3-and 0.5-mm specimens. The Cr concentration at the center of the 0.2-mm specimen at 1000°C has already very slightly decreased. It should be mentioned that this slightly lower Cr content also may be caused by an enrichment of Cr-rich carbide and nitride precipitates in the specimen center (see Fig. 5b ) and thus in a Cr depletion of the cNi matrix [31] . The difference between the actual overall Cr content and the matrix Cr content measured by EDX will increase with increasing C and/or N content in the specimen center [31] .
After 1000 h at 1050°C (Fig. 6c) , a critical state is reached when the specimen thickness clearly starts to affect the Cr content at the scale/alloy interface as well as in the specimen center.
After 3000 h at 950°C (Fig. 6d) , the Cr depletion zones depth was approximately 80 lm, which is near the center of the 0.2-mm-thick specimen. The Cr concentrations at the metal/oxide interface of the 0.2-and 0.5-mm-thick specimens are similar. Upon longer oxidation times, the Cr diffusion profile will reach the center of the 0.2-mm specimen, and it is expected that then the interface Cr concentration of the 0.2-mm specimen will start to decrease, while that of the 0.5-mm specimen will remain at approximately the same level because of the adequate reservoir of Cr (i.e., the width of the depletion zone will still be substantially smaller than the half thickness of the specimen).
With the higher Cr consumption rate at 1000°C, the Cr concentration at the scale/alloy interface of the 0.3-and 0.5-mm specimens do not show a significant specimen thickness dependence after 3000 h (Fig. 6e) . However, the Cr interface concentration in the 0.2-mm-thick specimen was much lower than that of the thicker specimens because the diffusion profile had clearly reached the center of the specimen.
The specimen thickness dependence of the Cr interface concentration was more pronounced after exposure at 1050°C (Fig. 6f) . The data for all three specimens after 3000 h showed that the Cr concentrations at the metal/oxide interface and at (Fig. 7) . Data from [31] the center of the specimen decreased, and resulted in relatively flat profiles with increasing oxidation time. At 1050°C, not only the 0.2-mm-thick specimen but also the 0.3-mm-thick specimen exhibited an interface Cr concentration which is much lower than that after 1000 h. For both specimens, the diffusion profile has clearly reached the specimen center. The 0.2-mm-thick specimen showed indications of breakaway oxidation at the edge of the specimen after only 2000 h (Fig. 7) , so the oxidation test was interrupted after that exposure time. Figure 6 clearly shows that the diffusion process of Cr depletion is specimen thickness dependent. Thicker specimens have larger Cr reservoirs and it takes more time for the diffusion front to reach the center of the specimen, and thus also a longer time for the interface Cr content to decrease to a critical value at which growth of the protective chromia base scale is affected. For the 0.2-mm-thick specimens, these times were quite short due to the small Cr reservoir. These observations are in qualitative agreement with the considerations described for Stage III in ''Scale Growth and Subscale Depletion'' section. Figure 8 compares the long-term results obtained for the 0.2-mm and 0.5-mmthick specimens at 1000 and 1050°C with data from short-term, isothermal TG tests (72 and 100 h, respectively) as well as a 300-h cyclic exposure at 1050°C. For the 0.5-mm-thick specimens, the Cr interface concentrations were quite similar indicating that the kinetics of chromia loss did not substantially differ from nearparabolic kinetics (''Background and Used Approach'' section). For the 0.2-mmthick specimens, there was similarity for exposures up to 1000 h at 1000°C and up to 300 h at 1050°C. After longer times, the Cr interface concentration was affected by the limited Cr reservoir and thus decreased with time.
Modeling Oxidation-Induced Damage Processes Modeling Oxidation Kinetics
The gravimetric data shown in Fig. 1 were used for evaluation of the oxidation kinetics. It was found that for these experimental conditions, alloy 230 exhibited Oxid Met (2017) 87: 11-38 25 only a slight deviation from parabolic kinetics during the steady-state scale growth period; the best description of the experimental data could be obtained by assuming sub-parabolic oxidation kinetics (Eq. 3) with n ¼ 0:4. Similar fitting results were obtained for all specimens. Therefore, the growth of the oxide was described with the following power law expression:
where Dm is in mg cm -2 and t in hours Because no apparent specimen thickness dependence of the growth rate was observed during steady-state oxidation (before the appearance of scale spallation or ''super-parabolic'' oxidation), the rate constant k was taken as an average of the rate constants obtained for the different specimen thicknesses. Figure 9 shows a double logarithmic plot of the fitting curves of the net weight change during the steady-state The functions expressing the oxidation kinetics with the averaged k for each temperature as well as the schematic straight lines representing the functions are also shown. The relationship between the rate constant k and temperature T was derived from the experimental data using a classical Arrhenius-type temperature dependence revealing [60, 61] 
where k is defined by Eq. (8).
Modeling Oxide Spallation and Healing
In order to describe the net weight change curves, a modified COSP modeling approach [20] was applied. The traditional COSP model assumes that initially parabolic kinetics prevail and a fraction of the scale spalls already after the first cooling step. The equations used in the COSP model are as follows [20] :
where F 1 is the fraction of grown oxide during the first heating that will spall after Fig. 9 Double logarithmic plot of area-specific net weight changes as a function of time for specimens of different thicknesses at different temperatures during ''steady-state oxide growth'', i.e., before onset of spallation for the thick specimens and enhanced scale growth rate for the 0.2-mm specimens. Inserted lines illustrate fitting of the data using Eq. (8) Oxid Met (2017) 87: 11-38 27 cooling, m 0 r1 the area-specific weight of the grown oxide during the first heating cycle, a the ratio of molecular weight of oxide to oxygen (for Cr 2 O 3 , a = 3.167), s the duration of one heating period, m s1 the area-specific weight of spalled oxide after the first cooling, and Q 0 is a spalling constant in cm 2 mg -1 [20] . It is apparent from Eq. (10) that the fraction of spalled oxide is assumed to be a monotonic function of the amount of existing oxide. Due to the spallation of oxide, the time for oxide growth in the subsequent heating cycles should be corrected with a so-called effective time t e , which indicates the equivalent time spent for the oxide to grow to m r1 on bare metal. The t e and the amount of grown oxide after the second heating can be calculated using the following equations:
The mass balance to calculate the area-specific net weight change of the specimen after cycle i (Eq. 16) and the total amount of Cr consumed (Eq. 17) are expressed as follows:
However, in the present study, the oxidation kinetics appeared to be subparabolic; therefore, the first modification was to change the power law time dependence, such that Eq. (11) can be rewritten as 
The second modification of the COSP model was to set Q 0 = 0 before spallation occurs for the 0.3-and the 0.5-mm-thick specimens. Figure 10 shows the regime schematically. In the steady-state oxidation stage, there is no weight decrease due to spallation. After a certain number of cycles, spallation starts to occur and the weight change curve shows an inflection point. Subsequently, the net weight change decreases while the gross weight change increases.
To describe the ''super-parabolic'' oxide growth of the thinnest (0.2 mm) specimens discussed in ''Oxidation Kinetics'' section, a new parameter h with a value between 0 and 1 was introduced (based on Fig. 3 ). This parameter indicates that upon re-heating after each cooling step, microcracks cause a fraction h of the total surface area of the specimen to be available to oxygen. Taking the first three cycles as examples, the amount of additional oxide m t can be calculated using Eqs. (21)- (23) . Similar to spallation, the cracking effect was assumed to occur after a certain number of cycles; therefore, during the steady-state oxidation stage, h is set to zero.
With the additional weight of oxide, Eq. (13) can be rewritten as
No spallation of oxide was observed in the case of the 0.2-mm specimen, so the value of m s in Eq. (24) was zero.
The model was programmed in Matlab, version R2014b, and the weight change data were calculated for all three temperatures. Figure 11 shows the results of the modeled weight change curves for the alloy 230 specimens of different thicknesses at 1000°C. The dashed lines represent the results calculated with the modified COSP model using different optimized values of the parameters Q 0 and h. The optimization was done by changing the values of Q 0 and h with an accuracy level of 0.0001. When the calculated points clearly deviated from the experimental data, the parameters were changed to make the curve fit again and the maximum root mean Oxid Met (2017) 87: 11-38 29 square error (RMSE) between the calculated and experimental data was limited to 0.15 mg cm -2 . For the 0.2-mm specimen, Q 0 = 0, but after 7 cycles, microtensile cracking started to occur with h = 0.0033. For the 0.3-mm specimen, the oxide started to spall with Q 0 = 0.0014 after 14 cycles. For the 0.5-mm specimen, after 13 cycles, the oxide started to spall with Q 0 = 0.0025, and after 2000 h, Q 0 had to be changed to 0.0022 in order to obtain an optimum fit with the experimental data. The decrease of Q 0 with time suggests a reduction of the scale spallation rate, perhaps as a result of the slight reduction in specimen thickness during prolonged oxidation.
The results of the modeling showed that in the studied temperature range, Q 0 increased with specimen thickness, which is in agreement with the assumption that the tendency of scale spallation increases with increasing specimen thickness [51] . Another observation is that for the 0.3-and especially the 0.5-mm specimens the calculated gross weight change curves were slightly higher than those measured. The reason might be due to the loss of spalled oxide out of the crucible due to ''explosive'' spallation.
Considering the oxygen/metal weight ratio and the density of the oxide [62] , it is simple to calculate that for growth of a pure, dense Cr 2 O 3 scale, and an oxygen uptake of 1 mgÁcm -2 (gross weight change) corresponds to a scale thickness of 6.1 lm and a corresponding wall thickness loss of about 3.01 lm on one side of the specimen [4] . In Ref. [31] , it was shown that the minor internal oxidation of Al/Si hardly affected the overall oxygen uptake and consequently the used assumption is justified. In this manner, the gross weight change curves can be converted into loss of wall thickness. By extrapolation with the optimized model parameters (Q 0 and h), the loss of wall thickness for much longer oxidation times can be predicted. For all studied temperatures, the 0.2-mm specimens exhibit the most pronounced loss in wall thickness. This enhanced wall thickness loss due to ''super-parabolic'' kinetics is thus more pronounced than that related to oxide spallation and regrowth for the thicker specimens. The 0.5-mm specimen showed a slightly higher loss of wall thickness than the 0.3-mm specimen because of the larger amount of scale spallation.
Because the oxidation rates decreased with decreasing temperature, the 0.2-mm specimen at 950°C began to show ''super-parabolic'' oxidation just before the end of the experiment (Fig. 1), i.e., after approximately 2000 h. Therefore, the 3000-h oxidation test was relatively short at 950°C and the extrapolated values after 3000 h have to be confirmed in experiments with longer exposure times in the future.
Prediction of Critical Chromium Depletion
As discussed in ''Background and Used Approach'' section, critical depletion of Cr may result in the occurrence of breakaway oxidation at time t B . For NiCr alloys, a sudden rapid increase in growth rate does generally not occur (''Current Approach'' section) and therefore the expression ''critical depletion'' seems to be more appropriate than ''breakaway''. The time at which the Cr content at the metal/oxide interface reaches a critical concentration will be designated as t Ã . Alternatively, one might define as a failure criterion the time ðt C Þ at which the Cr depletion profile reaches the mid-plane of the specimen [26, 63] (see ''Stage IIIa'' section).
Here, d is the thickness of the specimen in cm and D the diffusion coefficient of Cr in the alloy in cm 2 Ás -1 . The schematic in Fig. 12 illustrates a comparison of t C and t Ã It shows that generally t C provides a conservative prediction of the lifetime limit. It is apparent from Eq. (25) that, different from t Ã , the value of t C is independent of the oxide growth rate. Thus, for a given alloy, the time till reaching a critical Cr interface concentration would be independent of the scale growth rate, and this would obviously not be in agreement with typical oxidation degradation mechanisms.
In the literature, it is frequently considered that a typical critical Cr concentration of *10 % is required to maintain chromia formation on NiCr alloys in the temperature range considered in this study [4, 46, 64, 65] . The 0.2-mm-thick specimen showed indications for breakaway oxidation at the specimen edges (Fig. 7) , when the Cr content at the scale/alloy interface was *9 wt% (Fig. 6c) . Therefore, it is apparently reasonable to use 10 wt% as the critical Cr interface concentration corresponding to t Ã and defining the end of life. Also, the extent of internal nitridation seemed to significantly increase (see Ref. [31] ) if the Cr interface concentration was depleted to *10 %. The effect of varying the critical Cr concentration on t Ã will be illustrated later. The subscale Cr concentration profiles are initially quite steep (Fig. 6 ), but their slope generally decreased with increasing oxidation time (Fig. 8) . Especially, beyond the exposure time t C and approaching t Ã , the Cr concentration profiles become much flatter (see Fig. 8 ). Therefore, as a reasonable approximation, the Cr concentration in the alloy center beyond the time t C may be assumed to be approximately the same as the Cr concentration at the metal/oxide interface. 
Here, C Ã is the Cr concentration at t Ã , l = 2167 for Cr 2 O 3 , q = 8970 mg cm -3 for alloy 230, and d is the specimen thickness in cm. If the ratio l is deleted from the right hand side, the expression represents the consumption of Cr.
With the modified COSP model (Eqs. 21-23), the total consumption of Cr is calculated after cycle i as m mi (Eq. 17). To equal m m ; Eq. (26) is modified by omitting l:
It is clear that for a given alloy the total consumption of Cr at t Ã is for a given temperature only dependent on the wall thickness of the component. For a 0.2-mm specimen at 1000°C, the total loss of wall thickness at t Ã is 29.80 lm; for the 0.3-mm and 0.5-mm-thick specimens the values are 44.70 and 74.50 lm, respectively.
Taking the results of the experiments at 1000°C as an example, Table 2 compares the calculated metal thicknesses with thicknesses of the remaining metal after 3000-h oxidation measured from metallographic cross section images using the software AnalySIS Pro. 5.0. Taking into account that the measured average metal thickness is influenced by local inhomogeneties in the scale and might thus be subject to a certain error, it can be concluded that the calculated and measured metal thicknesses of the 0.5-mm-thick specimen agree quite well. For the 0.2-mm and 0.3-mm-thick specimens, however, the calculated values are slightly larger than the metallographically measured thicknesses. This is likely related to the creep of the thin specimens occurring during cyclic oxidation (see ''Oxidation Kinetics'' section).
To insert the results of the cyclic calculation in the modified COSP model, Eq. (27) can be written in the following form: The time until C i ¼ C Ã equals t Ã The calculation was done with 48-h cycles for the 1000°C and 1050°C experiments or 10-h cycles for 950°C experiments (see ''Experimental'' section). Thus, the calculated C i are points with a time interval of 48 h or 10 h, respectively. Figure 13 shows a lifetime diagram for alloy 230 based on the considerations in the previous sections. The solid lines were derived from the weight gain data using the conversion from weight change into loss of wall thickness described above. The values of t Ã obtained from the calculations based on Eq. (28) were inserted as solid symbols. The critical Cr mass fraction at the interface was assumed to be 10 wt%, and the corresponding time to reach it was designated as t 10 . Due to the lack of experimental data, the t 10 of the 0.3-mm-thick specimen at 950°C was interpolated, resulting in a location near the line of the 0.5-mm-thick specimen.
Construction of Oxidation Lifetime Diagram
The open points in Fig. 13 indicate the approximate times to reach Cr mass fractions at the interface of 10 wt%, in accordance with macroscopical observation of the occurrence of local breakaway. The 0.2-mm-thick specimen oxidized at 1050°C showed obvious local breakaway oxidation (Fig. 7) at 2000 h, which means that after 2000 h it had already exceeded the t 10 life. Therefore in the diagram, the observed open point is located slightly higher than the calculated closed point (1632 h). Although the 0.2-mm-thick specimen oxidized at 1000°C did not show apparent breakaway oxidation at 3000 h, the measured depletion profiles showed it to be very close to the critical time t 10 , which was confirmed by the presence of excessive nitride in the microstructure [31] . Thus the observed open symbol is slightly lower than the calculated closed one (3072 h). Figure 15 shows the effect of using a different critical Cr value for t Ã at 1000°C. The effect on lifetime becomes more significant as the specimen thickness (and the Cr reservoir) increases.
A simplification made in the calculations was the assumption that the Cr concentration profiles are ideally flat. Although this is in reasonable agreement with the experimental observations if the exposure times approach t Ã , a second procedure was applied in which the Cr diffusion in the alloy was described by a finite difference (FD) model, using a similar method [66, 67] . A detailed description of these investigations falls outside the scope of this paper, but selected results at 950°C are labeled FDM in Fig. 14 . The presentation illustrates that the times t 10 calculated using the FD method are generally shorter than those calculated by the Oxid Met (2017) 87: 11-38 35 reservoir approach, however, the dependence on temperature and specimen thickness are very similar and the differences in t 10 calculated by the two methods are quite small. Based on the measured temperature dependence of the oxidation kinetics (''Results and Discussion'' section), the lifetimes can be calculated for other temperatures, Fig. 16 . At 900°C, the onset of scale spallation and ''superparabolic'' oxidation were assumed to occur at the same weight gains as observed at 950°C. The dashed lines related to 1100 and 1200°C were based on the extrapolated k-values and assuming that scale spallation would follow the same characteristic as at 1050°C. Obviously, the predictions at lower and higher temperatures require some degree of validation, but very long lifetimes can be assumed at temperatures below 900°C.
Conclusions
A generalized oxidation lifetime diagram for the Ni-base alloy 230 was developed to account for the most design relevant oxidation damage mechanisms (wall thickness loss, scale spallation, and Cr alloy depletion) based on quantitative time, temperature, and component thickness data. Using a Matlab based approach, a modified COSP-type model was used to describe the oxide growth and spallation kinetics. The derived kinetics of Cr consumption were correlated with measured kinetics of Cr depletion in the bulk alloy. A critical value for subscale Cr depletion at the alloy/oxide interface of 10 % was used based on the measured Cr depletion profiles and microstructural features. Future research aims to extend the proposed lifetime diagram to other commercial NiCr alloys (e.g., alloy X) and austenitic steels. Additional factors, such as accelerated Cr loss due to the formation of volatile species with water vapor and high gas flow rates, are also intended to be implemented into the model. 
